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ABSTRACT 
X-750 is a nickel-chromium based super alloy of usefulness in a wide variety of 
applications such as gas turbines, rocket engines, nuclear reactors, pressure vessels, 
tooling, and aircraft structures. Its good mechanical properties are due to the 
strengthening from precipitation of γ′ particles upon prior ageing heat treatment. In this 
work, the effect of such heat treatment on the mechanical properties, tensile behavior, and 
fracture mechanisms of X-750 was studied at various temperatures by comparing it with 
a non-aged, solution annealed X-750. Tensile tests were conducted from room 
temperatures up to 900 °C at three separate strain rates (10-3, 10-4, 10-5 s-1); tested samples 
were analyzed by means of SEM observations. In addition, the microstructure of both 
aged and solution annealed materials were studied using SEM and TEM, both on as 
received and on tested specimens. 
Serrated flow was observed for a range of temperatures referred to as the Portevin 
Le Chatelier (PLC) regime (interaction of solutes with dislocations causing stress 
serrations) in both heat treated (HT) and non-heat treated (NHT) samples. There is a 
different level of prominence in the Normal and Inverse PLC effect between HT and 
NHT X-750. Sinusoidal stress serrations are observed for both HT and NHT material at 
high temperatures, and dynamic recrystallization becomes a dominant deformation 
mechanism. Vacuum effects were observed to be relevant for mechanical properties, 
flow behavior, and dynamic recrystallization. 
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When tested between room temperatures and 650 °C, the fracture surface of HT 
material evolves from purely intergranular to purely transgranular due to the thermal 
activation of dislocation mobility that relieves the stress at the grain boundaries, while the 
rupture of the NHT material is due to the coalescence of voids induced by decohesion at 
the MC (one metallic element with one carbon atom) carbides/matrix interface. At higher 
temperatures, precipitation of γ’ particles upon testing of the NHT material leads to a 
temperature-dependent increase in both yield strength and ultimate tensile strength. At 
the same time, an overall decrease of the HT material mechanical properties is observed. 
Minimum ductility was observed at 750 °C for both solution annealed and aged 
specimen, due to the oxidation of grain boundaries leading to an environmentally-induced 
fracture mechanism. At higher temperatures, dynamic recovery and dynamic 
recrystallization occur which prevents such a rupture mechanism, but finally leads to 
rupture by grain boundary slipping at 900 °C. 
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Chapter 1 Introduction 
 
1.1 Overview 
 
X-750 is a nickel-chromium based super alloy of usefulness in a wide variety of 
applications. The alloy is made precipitation-hardenable by additions of aluminum and 
titanium, and has good resistance to corrosion and oxidation along with high tensile and 
creep-rupture properties at temperatures up to 1300°F (700°C). The typical composition 
range of X-750 is as follows in weight percent: 70% nickel minimum, 14.0-17.0% 
chromium, 5.0-9.0% iron, 2.25-2.75% titanium, 0.4-1.0% aluminum, 0.7-1.2% niobium 
plus tantalum, 1.0% manganese maximum, 0.5% silicon maximum, .01% sulfur 
maximum, 0.5% copper maximum, 0.08% carbon maximum, and 1.0% cobalt maximum. 
X-750 serves a role in the nuclear industry core material in both Boiling Water Reactors 
(BWRs) and Pressurized Water Reactors(PWRs); it is also used as a spacer material in 
Candu reactors [1], [2]. Its excellent relaxation resistance is also useful for high- 
temperature springs and bolts in gas turbines, rocket engines, pressure vessels, tooling, 
and aircraft structures [3]. Gamma prime precipitates are the primary strengthening 
particles due to heat treatment, although secondary metallic carbides also play a role [4]– 
[7]. 
1.2 Literature Review 
 
Inconel X-750 has an important role in the nuclear industry, serving as a material 
for fuel channel spacers, cable sheathing, core wires in flux detector assemblies, and 
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tensioning springs [2]. For plate samples of Inconel X-750, the typical microstructure 
consists of coarse, equiaxed grain morphology; grain diameters typically range from 0.15 
to 0.5 mm. X-750 has excellent properties in large part thanks to a fine dispersion of γ’ 
precipitates, which are typically Ni3(Ti, Al, Nb). The various applications of the alloy in 
harsh reactor environments necessitated the understanding of irradiation effects, which 
have been looked at in multiple studies. In other similar nickel-based superalloys, several 
effects of irradiation have been well documented; irradiation causes cavities, induced 
dislocation loops, and a loss of the γ’ phase [1],[2]. With regard to the dissipation of the 
γ’ particles, there seems to be a particular irradiation temperature and dosage range at 
which full dissolution takes place; carbides in the matrix were contrarily stable for higher 
doses. [1], [2]. The direct effect on the primary strengthening phase of the alloy impacts 
the strength of the alloy as well as the creep resistance [1].  Comparing the 
microstructural changes of the alloy under irradiation to high temperature performance 
could be useful for better understanding the damage mechanisms that occur. X-750 is 
applied in industry in degrading environments, and specific application determines the 
prior microstructural treatment of the alloy. Precipitation hardening of the alloy results in 
various microstructures, morphologies, and mechanical properties, depending on heat 
treatment and solution treatment. 
1.2.1 Secondary phases in X-750 
 
Three different secondary-phases can be found in X-750 alloys: the M23C6 and 
MC carbides, where M stands for metallic elements, along with the γ’ particles. MC 
carbides can be written (Nb,Ti)C, where the predominant metallic element can be 
titanium or niobium [8], [9]. MC carbides are cubic with a lattice parameter dependent of 
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the predominant metallic element, that is a = 0.36 nm for Nb-rich MC and a = 0.44 nm 
for Ti-rich MC [8], [10]. These carbides are stable up to 1200ºC [10] and are not 
expected to be affected by heat treatments, although Nb-rich MC has a lower dissolution 
temperature than Ti-rich MC and may start dissolving to some extent upon the solution 
annealing [1]. MC precipitates are described are large angular inclusions aligned in the 
working directions, and can be found both within the matrix and at grain boundaries [8]– 
[10]. 
M23C6 carbides are FCC carbides which lattice parameter is a = 1.06 nm, where 
chromium represents more than 90% of the metallic elements [1], [3]. In X-750 alloy, it 
was reported that M23C6 were dissolving around 870ºC [11]. These carbides are mostly 
located at grain boundaries and can exhibit different morphologies. 
γ’ particles are Ni3(Ti,Al) precipitates exhibiting a face-centered-cubic, L12-order 
crystal structure which lattice parameter is a = 0.36 nm. The close match in 
matrix/precipitate lattice parameter (~0-1%) combined with the chemical compatibility 
allows the γ’ to precipitate homogeneously throughout the matrix. These particles are 
responsible for the structural hardening of X-750 since they act as “barriers” for 
dislocations movement [12]. They are characterized by fine precipitates coherent with the 
matrix and dispersed throughout the material [6]. No data was found on the stability 
temperatures of γ’ particles, however in most Ni-Al alloys their solvus temperature 
ranges between 855ºC and 1200ºC [13]. 
1.2.2 Effect of heat treatments on the microstructure and mechanical properties of X-750 
X-750 comes in two different microstructural states: the so-called “non-heat 
treated” (NHT) and the “heat-treated” (HT). NHT X-750 is the as-received material and 
was solution annealed, while the HT undergoes a further ageing. Based on the stability 
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temperatures of the secondary phases, the effect of heat treatments on the 
precipitation/dissolution of these secondary phases is known. While MC carbides are not 
expected to be affected by heat treatments as already stated, solution annealing should 
lead to the full dissolution of M23C6 and γ’ particles, while precipitation of these two 
secondary phases occur upon heat treatment. For optimal strength and hardness 
properties, aging at 705° C for 20 hours is effective, although several heat treatments 
exist depending on application [3]. The heat treatment induced γ’ precipitate has major a 
major impact on the mechanical properties, contributing to increasing yield stress, 
ultimate tensile strength, and decreasing ductility [3], [11], [14]. Furthermore, it is 
generally understood that the carbides present at the grain boundaries present some 
resistance to fatigue cracking under high temperature conditions [15]. 
1.2.3 Effect of solution annealing on microstructure and mechanical properties 
 
As already stated, the effect of the solution annealing heat treatment on the 
microstructure occurs at the end of the heat treatment; all γ’ and M23C6 particles are 
expected to be dissolved. It should however be pointed out that there are reports of 
presence of both γ’ and M23C6 (respectively 7.6 wt% and less than 0.3 wt% of the total 
material) in the material after solution annealing at 1093ºC for 1 hour [4]. The literature 
assumes that these phases were present due to incomplete dissolution of large particles 
upon annealing, however it is more likely that these particles precipitate upon subsequent 
cooling. It is unclear in the report whether the material was air-cooled or water-quenched 
after the annealing, and it was reported in another study that a high amount of fine γ’ 
particles (5-10 nm) and fine intergranular M23C6 carbides (10-50 nm) precipitate in the 
material upon air cooling after solution annealing at 1093ºC for 1 hour, while none are 
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found after water quenching [9], highlighting the influence of the cooling method on 
precipitation of these particles. It should also be pointed out that recrystallization of the 
matrix grains occurs upon the solution annealing heat treatment. Solution annealing 
takes place for all X-750 applications, prior to ageing heat treatment, and assures 
mechanical property consistency throughout the matrix. Carbides play a minimal role in 
the increased strength properties, but they contribute to changes to total elongation; 
intragranular carbides can act as stress concentrations from which cracks propagate, and 
intergranular carbides contribute to decohesion of carbide-matrix interfaces [10], [14]. 
The solution annealed material can plastically deform to high ductility levels (compared 
to the heat treated form) due to the lack of gamma prime precipitates and intergranular 
carbides to act as dislocation barriers [3], [4], [14]. 
1.2.4 Effect of ageing on microstructure and mechanical properties 
 
Ageing at 705ºC for 20 hours lead to massive precipitation of M23C6 and γ’ in the 
material. M23C6 carbides are mostly found at grain boundaries with various 
morphologies: some authors report discontinuous cellular carbides growing perpendicular 
to the grain boundaries [8], [14] or discontinuous rod shaped or “pear-like” carbides [11]. 
Interestingly, in this last case, cellular carbides were only rarely observed. Occurrences of 
continuous or semi-continuous chains of cuboid shaped or rod shapes carbides M23C6 are 
also reported [4], [5]. Morphology of carbides does not influence their chemical 
composition. Diameter of M23C6 carbides ranges from less than 0.06 µm to 0.3 µm, and 
the total amount of carbides, i.e. MC and M23C6, represent 0.4 wt% of the material after 
ageing [11]. It should also be pointed out that the precipitation of M23C6 carbides at grain 
boundaries leads to a local depletion of chromium up to a distance of 0.25 µm from the 
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boundary: while there is 17 wt% in average in the matrix, the chromium content drops to 
12 wt% at the boundaries. 
γ’ particles are uniformly distributed throughout the matrix completely up to the 
grain boundaries, however they are absent from the matrix between cellular carbides and 
can sometimes be found at grain boundaries, generally on the ones containing 
discontinuous M23C6 carbides [8], [11], [14]. After ageing, γ’ represent 12 wt% of the 
total material, and are characterized as spherical [9] or cuboidal [7] particles which size 
range between 0.01 µm and 0.03 µm [4], [7], [9]. It should be pointed out that authors 
from [9] conducted the ageing heat treatment at 718ºC and not at 705ºC. The cooling 
rates (not specified) after the solution annealing heat treatment does not seem to affect the 
size, morphology, number density and chemical composition of γ’. However, γ’ 
precipitates in the air-cooled and aged material resulted from the growth of γ’ precipitates 
that formed upon cooling, while γ’ particles in the water quenched and aged material 
precipitate and grow during the ageing heat treatment [9]. 
The γ’ precipitates are dispersed in a disordered face centered cubic (fcc) γ 
matrix. When the material is heat treated or aged, chromium enriched M23C6 carbides 
form along the grain boundaries. Thanks to the uniform dispersion of γ’, X-750 also has 
excellent creep resistance [3]. Heat treated X-750 has beneficial rupture resistance 
properties due to intergranular carbides at the grain boundaries, where the carbides 
function as barriers to grain movement. The heat treatment gives X-750 its robust 
properties, mainly due to the precipitation of γ’ precipitates. The γ’ particles primarily 
responsible for the changes in mechanical properties from heat treatment, and depending 
on time and temperature, range from 10-30 nm in diameter [8], [9]. The γ’ particles have 
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been found to be enriched in aluminum, titanium, and niobium ((Ni3Al) (Ni3Ti) (Ni3Nb)), 
and the γ matrix is rich in iron and chromium [9], [10]. As recently mentioned, 
intergranular carbides tend to form at the grain boundaries during aging; the composition 
of the carbides is M23C6, and these are often chromium rich, ranging from 10-50 nm in 
diameter [9]. Additionally, under certain solution annealing conditions (very high 
temperatures), finely dispersed MC ({Nb,Ti} C) carbides were identified in the matrix 
[16], [17]. The MC carbides have minimal to no impact on the mechanical properties of 
X-750, but can be indirectly deleterious at very high temperatures, typically above 
900°C; the formation of MC carbides can reduce the amount of carbon available for 
M23C6 carbides at the grain boundaries (MC carbides form at higher temperatures than 
the M23C6 carbides) that contribute to resistance against grain boundary movement [17]. 
The crystal structure of the alloy allows the precipitates to be very effective; X-750 has 
an Ll2-ordered FCC structure, and the γ’ particles are fully coherent with the matrix [8]. 
Dislocations play in important role in the microstructure, and can be sheared, cut, or 
threaded by dislocations, and the growth of the γ’ is assisted by the presence of 
dislocations [11]. The precipitations are also potentially responsible for serrations 
observed in the stress-strain curve, where carbides along dislocations can immobilize the 
dislocations; these serrations will be discussed in an upcoming section [14]. 
1.2.5 Dynamic Strain Ageing and the PLC Effect 
 
The process for dynamic strain ageing (DSA) occurs during the straining of a 
material, where solutes and particles pin and unpin moving dislocations; different solute 
atoms (i.e. interstitial or substitutional atoms) are responsible for the specific PLC 
behavior depending on the alloy and temperature [18]. In addition to solute-dislocation 
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interactions, it has been theorized that dislocation-dislocation interactions can cause DSA 
[19]. The PLC effect is a result of DSA, where saw-tooth shaped serrations appear in the 
stress-strain curve during deformation. Temperature, precipitates, and strain rate have 
effects on the size, location, prevalence of the serrations during testing. The temperature 
influences the diffusion of solutes through the matrix, the precipitates dictate particle- 
dislocation interaction, and the strain rate changes the rate at which dislocations 
overcome obstacles (i.e. precipitates and solutes). There are 5 types of serrations, which 
are shown in with descriptions in Figure 1.1. 
 
 
Figure 1.1: PLC Serration types and descriptions [20] 
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The serrations can generally be attributed to certain alloying element interactions with 
dislocations in the microstructure. Multiple studies have been made to analyze 
responsible solutes and deformation mechanisms that take place during the stress-strain 
serrations, and there are varying suggestions on causes, depending on the material and 
microstructure. In Inconel 718, Inconel 600, and Waspalloy, all aged and/or solution 
annealed, it has been suggested that diffusing interstitial carbon atoms are responsible for 
the serration behavior over a large temperature range. Another study of Inconel 718 
concluded that the diffusion of interstitial carbon atoms are responsible for serrated 
yielding in the lower temperature range, and substitutional chromium atoms caused 
serrations in the higher temperature range [21]. Interstitial hydrogen atoms have also 
been shown to affect jerky flow in nickel superalloys [18]. Typically, the dynamic strain 
aging that causes jerky flow has not been observed in Nickel alloys that don’t contain 
interstitials, such as those mentioned above [22]. 
1.2.6 Tensile Behavior 
 
Studying the tensile and deformation behavior of X-750 is vital for understanding 
the relationship between microstructural evolution and material properties. The observed 
deformation and fracture mechanics of X-750 are quite varied depending on the 
environment under which it undergoes fracture. At room temperature, the key fracture 
mechanism is intergranular in nature. From prior studies, the intergranular fracture 
mechanism is predicted to stem from the coalescence of voids and microvoids along the 
grain boundary denuded zone [10]. Subsequently, the plastic flow around carbides near 
the grain boundaries, resulting in stress concentrations at the carbide-matrix interface, 
and decohesion within the nickel matrix with respect to the carbide particles. The 
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fracture surfaces show a dimple rupture network caused by cracks in carbide-matrix 
interphases [10]. Shown in electron microscopy after room temperature testing, large 
densities of dislocations were found through the matrix, indicating significant plastic 
deformation, despite the intergranular mode by which a crack progressed. Under 
elevated temperatures, the alloy undergoes transgranular fracture 
mechanisms/transgranular slip (that transitions from the intergranular fracture), and grain 
boundary sliding [10], [14]. The range at which there is approximately equal amounts of 
intergranular and transgranular fracture mechanisms is from 300°-400° C. In this 
intermediate range of elevated temperatures, the fracture surface was less defined, 
evidently caused by a weakening of dislocation bands due to heterogeneous slip [10]. 
The 300°-400°C temperature range also showed higher ductility due to these important 
microstructural changes. During the temperature tests, there was higher dislocation 
activity that relieved stress concentrations at grain boundaries, while at room temperature 
more restricted dislocation movement allowed microvoids to nucleate and form along the 
grain boundary denuded zone.  Additionally, the increased dislocation activity in the 
grain interior resulted in the increased transgranular fracture shown in the experiment. At 
higher temperatures, 540°-700° C, the fracture surface takes on pronounced faceted crack 
morphology due to dislocation channels created by heterogeneous slip mechanisms [10]. 
As has been observed in other γ’ precipitation hardened metals, how the planar slip 
mechanism occurs is through shearing the γ’ particles and nickel matrix with 
dislocations. Without the barriers to dislocations effectively acting, dislocations are 
essentially guided through these areas, greatly weakening the alloy so it slips apart along 
the bands. At observed temperatures above 800° C, the fracture mechanism was once 
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again intergranular in nature, though compared to the lower temperature intergranular 
behavior, there was a complete separation of particles near the grain boundary from the 
grains. Where microvoid coalescence played the major role in low temperature tensile 
response, matrix-carbide interface decohesion seems to cause crack propagation at 800°C 
[10]. There were no observed dislocation channels at the highest temperature tests; there 
is however uniform dislocation generation inside the grains, and dislocation activity 
along grain boundaries that contribute to decohesion. 
Indeed, the existence of differing ideas about the behavior of the microstructure 
during higher temperature testing demands more research, and the variation in 
superalloys necessitates specific investigations. Furthermore, the majority of research 
that has taken place focuses on the alloys after heat treatment/solution treatment; the 
examination of both heat treated and non-heat treated tested samples would provide 
important insight. 
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Chapter 2 Materials and Experimental Methods 
 
In this chapter, material microstructure and characterization processes are 
detailed. 
2.1. Materials 
 
Two heats of X-750 were acquired: sheets of .508mm thick X-750 were acquired 
in mill annealed condition from United Performance Metals (Shiny), and .508mm thick 
X-750 in mill annealed condition from Allegheny Ludlum (Dull). The mill annealed 
condition involved cold rolling and solution annealing at 1093.3°C for 0.9 hours, 
followed by air cooling. The solution annealing process is described by the standard 
AMS specification 5598. The dull heat had slightly more carbon, more nickel, more 
titanium, more aluminum, more niobium, less chromium, and less iron. 
2.1.1 Chemical Composition 
 
The chemical composition of two heats of X-750 are shown in Table 2.1: 
Elemental composition of X-750 in weight percent. The two heats, labeled by the surface 
finish, dull/shiny, had varying properties. All values are listed in weight percent. 
2.1.2. Microstructure Characterization 
 
The effect of heat treatment on the properties and microstructure of X-750 is a 
major goal of the project. For that matter, both Scanning electron microscopy (SEM) and 
transmission electron microscopy (TEM) techniques were employed for the 
characterization of the Heat-Treated (HT) and Non-Heat-Treated (NHT) specimens. 
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Table 2.1: Elemental composition of X-750 in weight percent 
 
Element Ni Cr Fe Ti Al Nb Cu Si Mn Co C P 
Dull 72.3 15.41 7.76 2.6 0.77 0.92 0.01 0.06 0.04 0.01 0.06 0.002 
Shiny 71.1 16.17 8.12 2.43 0.7 0.9 0.09 0.09 0.07 0.05 0.04 0.004 
1
3
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A low magnification SEM micrograph of the NHT and HT sample is shown in 
Figure 2.2: the grains are rather equiaxed and have an average size of 17.6µm for NHT 
and 20.5µm for HT. The Heat Treatment did not have a major effect on the grain size as 
measured average grain size before and after heat treatment are similar. The grain 
boundaries after heat treatment are more visible in SEM after the HT due to the formation 
of intergranular carbides as evidenced in Figure 2.3. 
From the SEM inspection, a difference in carbide dispersion was evident. In the 
NHT sample, intragranular precipitates identified to be MC carbides rich in titanium and 
niobium, were scattered across the grains. Evidence for the carbide composition in the 
NHT sample is detailed by elemental maps in Figure 2.1. These intra granular Nb-Ti rich 
carbides are stable through the HT as can been seen on Figure 2.3 (arrows). In addition, 
intergranular cellular carbides are present in the HT sample, shown in Figure 2.4, and are 
likely the primary M23C6 carbides precipitated at aging temperatures. No gamma prime 
precipitates are visible through SEM imaging in either specimen type. From TEM 
imaging, more features were visible that were not captured through the SEM technique. 
In the NHT sample, the dislocation distribution is seen, as well as a lack of precipitates at 
the grain boundaries. In the HT sample, gamma prime precipitates are evidently evenly 
dispersed throughout the matrix, and globular intergranular precipitates, likely again 
M23C6 carbides, have formed along the grain boundary. The TEM pictures are shown for 
the NHT and HT in Figure 2.5 and Figure 2.6 respectively. 
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Figure 2.1 Elemental Map of MC carbide on NHT untested surface 
 
 
 
 
 
Figure 2.2 SEM observation of initial grain morphology in untested (left) HT material 
and (right) NHT material 
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Figure 2.3: SEM micrograph of HT sample with intergranular carbides and 
intragranular carbides (arrows) 
 
 
 
Figure 2.4 SEM micrograph of NHT sample carbides a) and b), and HT sample grain 
boundary carbides c) and d) 
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Figure 2.5 TEM image of NHT sample a) dislocations and lack of precipitates b) grain 
boundary 
 
 
Figure 2.6 TEM image of HT sample a) gamma prime precipitates b) grain boundary 
carbides 
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a) 
 
b) 
 
Figure 2.7 TEM observations on thin foils of the NHT material showing (a) a carbide- 
free grain boundary and (b) carbide-free triple junction 
After heat treating the material as previously described, uniformly dispersed 
spherical γ’ particles were observed throughout the matrix up to the grain boundaries ( 
Figure 2.6 a). These precipitates have a size between 10 nm and 20 nm. Precipitation of 
what appears to be elongated M23C6 was found at the grain boundaries. Three different 
morphologies were observed, as shown in Figure 2.8: discontinuous layer (c), continuous 
layer (b) and cellular precipitates (d), an alternate layer of precipitates growing 
perpendicularly to the grain boundary and matrix (d). In addition, intragranular MC 
carbides similar to the ones described for the NHT material were observed. Precipitate 
localization, size and morphologies are in good agreement with the microstructure 
resulting from an identical heat treatment as reported in the literature [4]–[7]. 
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a) b) 
 
 
c) 
 
 
d) 
 
Figure 2.8 TEM observations on thin foils of the HT material showing (a) γ′ precipitates 
within a grain (light cuboidal particles highlighted by dark outlines) and (b) various 
morphologies of M23C6 carbides at grain boundaries: discontinuous layer (upper left 
boundary), continuous layer (upper right boundary) cellular precipitates (lower 
boundary) and (c) discontinuous layer of carbides at grain boundary, and (d) cellular 
carbides at the grain boundary. 
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2.2 Tensile Tests 
 
In the project, X-750 underwent uniaxial tensile tests to ascertain mechanical 
properties of as received and heat treated specimens over a range of temperatures. The 
following section provides details for the testing apparatus, testing procedure, and testing 
conditions. 
2.2.1 Specimen Design 
 
Samples were cut from the block via Electric Discharge Machining (EDM) to 
have a dog-bone geometry of size 0.508mm thickness, 6.35mm gage width, 31.75mm 
gage length, and 120mm total length. The geometry is a subsize specimen and is a scaled 
down version of the standard ASTM pin-loaded tension test specimen [23]. 
 
Figure 2.9 Specimen Geometry in U.S. units 
2.2.2 Machine Setup 
 
Hot tensile tests were performed by a 5980 Instron® machine with a Materials 
Research Furnace® (MRF) which took specimens up to temperatures of 900 °C. The 
Instron® load frame is comprised of a base, two columns, a moving crosshead, and a top 
plate. A 30 kN load cell is mounted on the crosshead and rotation of a ball screw drives 
the crosshead up or down while the guide column provides stability. The specimen is 
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held in place by pin-and-clevis grips with a ¼” pin on either side of the gage length. 
Strain is registered by an Epsilon strain gage held taut against the specimen with cords 
looped around the opposite side of the specimen. The strain gage held pointed ceramic 
tips directly against the thin edge of the specimen. Instron Bluehill® software was 
provided by Instron®; the software controlled the testing system, ran tests, and analyzed 
test data. The MRF® furnace contained various components necessary to control the hot 
tensile tests. To remove heat, water coolant lines are connected to the main water inlet 
valve that run through the furnace. The controller can be used to adjust pressure and 
temperature set points, monitor process variables, and shut down the furnace. Two 
thermocouples are placed in the hot zone: the primary thermocouple is located ~5cm 
from the specimen to monitor the temperature of the metal, the secondary thermocouple 
is located ~8cm from the specimen and automatically shuts down the furnace should the 
temperature increase beyond the maximum of 980°C. The temperature reading sensors 
have been calibrated to an accuracy of ±0.25% of the measured output. 
2.2.3 Thermal Tensile Test Procedure 
 
Prior to testing, the samples were loaded into the Instron machine and held in 
place with pin-and-clevis grips. The strain gage was then attached by placing the tips 1” 
apart along the gage length. To prevent fraying of the cords holding the strain gage in 
place, two small steel clamps were placed on one side of the specimen, which the cords 
wrapped around. At this point the furnace was sealed shut and a vacuum was pulled to 
activate the furnace. Once a pressure of 0.1 torr had been reached, the furnace was 
turned on and the chamber was refilled with high purity air (high purity air was utilized 
for humidity control). Both elongation and load were zeroed at this point (assuming that 
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the sample had returned to its original position before the vacuum was pulled). A preload 
of 20N (newtons) was placed on the sample at this point, and held throughout the heating 
process in order to prevent a buckling action as the metal parts expanded during heating. 
The test sample was heated at a rate of 25 °C/min to the desired temperature. At the 
testing temperature, the specimen was held for a duration of 30 minutes, creating an 
equilibrium environment between the specimen and the machine parts. 
Tests were conducted at temperatures ranging from room temperature to 900°C. 
All tests were strain controlled and held constant at a strain rate of either 10-5 s-1, 10-4 s-1, 
or 10-3 s-1. The strain rates correspond to an extension rate of 0.000461 mm/s, 0.00461 
mm/s, and 0.0461 mm/s, respectively. Strains were relayed from the strain gage and 
strain rate was controlled by the Bluehill software. Specimens were tested to fracture, 
after which the Instron machine was cooled by flowing water to room temperature. To 
determine yield stress, a 0.2% offset was used and the Ultimate Tensile Strength (UTS) 
was taken from the maximum stress on the flow curve. 
2.2.4 Tensile Test Matrix 
 
Table 2.2 Experiments Performed 
 
Material 
Type 
Temp 
[°C] 
Strain 
Rate 
 
Atmosphere 
# of 
Samples 
HT 23 10^-3 air 3 
HT 23 10^-4 air 1 
HT 23 10^-5 air 1 
HT 100 10^-3 HP air 3 
HT 200 10^-3 HP air 3 
HT 300 10^-3 HP air 3 
HT 300 10^-3 Vacuum 1 
HT 300 10^-4 HP air 1 
HT 300 10^-5 HP air 2 
HT 400 10^-3 HP air 3 
HT 500 10^-3 HP air 3 
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HT 500 10^-4 HP air 1 
HT 500 10^-5 HP air 2 
HT 600 10^-3 HP air 3 
HT 600 10^-4 HP air 1 
HT 600 10^-5 HP air 2 
HT 600 10^-3 Vacuum 1 
HT 650 10^-3 HP air 3 
HT 650 10^-4 HP air 1 
HT 650 10^-5 HP air 2 
HT 700 10^-3 HP air 3 
HT 700 10^-4 HP air 1 
HT 700 10^-3 Vacuum 1 
HT 750 10^-3 HP air 3 
HT 800 10^-3 HP air 3 
HT 800 10^-3 Vacuum 1 
HT 900 10^-3 HP air 3 
HT 900 10^-4 HP air 1 
HT 900 10^-5 HP air 2 
HT 900 10^-3 Vacuum 1 
NHT 23 10^-3 air 3 
NHT 23 10^-4 air 1 
NHT 23 10^-5 air 1 
NHT 100 10^-3 HP air 3 
NHT 200 10^-3 HP air 3 
NHT 300 10^-3 HP air 3 
NHT 300 10^-4 HP air 1 
NHT 300 10^-5 HP air 1 
NHT 300 10^-3 Vacuum 1 
NHT 400 10^-3 HP air 3 
NHT 500 10^-3 HP air 1 
NHT 500 10^-4 HP air 1 
NHT 500 10^-5 HP air 1 
NHT 600 10^-3 HP air 3 
NHT 600 10^-4 HP air 1 
NHT 600 10^-5 HP air 2 
NHT 600 10^-3 Vacuum 1 
NHT 650 10^-3 HP air 3 
NHT 650 10^-4 HP air 2 
NHT 650 10^-5 HP air 2 
NHT 700 10^-3 HP air 3 
NHT 700 10^-4 HP air 3 
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NHT 700 10^-5 HP air 1 
NHT 700 10^-3 Vacuum 1 
NHT 750 10^-3 HP air 3 
NHT 800 10^-3 HP air 3 
NHT 800 10^-3 Vacuum 1 
NHT 900 10^-3 HP air 3 
NHT 900 10^-4 HP air 2 
NHT 900 10^-5 HP air 2 
NHT 900 10^-3 Vacuum 1 
 
 
2.3 Microstructure Characterization 
 
2.3.1 Electron Microscopy 
 
Multiple electron microscopy techniques, including SEM, EDX, and TEM were 
used to inspect the microstructure and the fracture surfaces of the as-received (NHT) and 
aged (HT) material specimens, before and after tensile testing. The techniques were 
utilized to inspect precipitate morphology, grain sizes, grain boundaries, and fracture 
mechanisms. This section provides an overview of the procedures used for each 
technique. 
2.3.2 Sample Preparation 
 
Sample preparation began with sectioning tensile specimens longitudinally via a 
low speed diamond saw. The cut samples were then mounted on aluminum stubs with the 
adhesive Crystalbond and ground on silicon carbide paper with a water lubricant to 
remove burrs and ensure a flat surface.  Grinding made use of grit paper ranging from 
180 to 1200 grit. Samples were ground to a thickness of roughly 100 µm. Following 
mechanical polishing, 3 mm foils were punched and subsequently electropolished in a 
solution of 5% HClO4 and 95% methanol. Foils for electron microscopy were prepared 
in a twin-jet Struers electropolisher at -35 °C using a potential of 18 V D.C. and a current 
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of 85 mA. Subsequently, samples were placed in a series of cold baths: methanol, 
ethanol, and a final methanol bath before drying on a paper towel. 
2.3.3 Scanning Electron Microscopy (SEM) 
 
A Zeiss Ultra plus Field Emission SEM (FESEM) was used at the electron 
microscopy center at the University of South Carolina to obtain high resolution images of 
the microstructures and fracture surfaces of the specimens. Detailed examination of grain 
morphology, precipitates, and other features was possible due to the high resolution. The 
imaging voltage was ranged from 5-20 kV depending on image needs, and allowed for 
clear images of particles in the range of 100 nm. The working distance for all samples 
was ~8mm-10mm. 
2.3.4 Energy-Dispersive X-Ray Spectroscopy (EDX) 
 
An EDX tool located on the Zeiss Ultra plus Field Emission SEM (at the 
University of South Carolina) was also employed. In order to compare the composition 
of precipitates to the surrounding matrix, EDX spectra and maps were created. EDX 
provided information on the chemical evolution of precipitates present in the nickel-rich 
matrix. The software identified peaks of high intensity elements which gave a simple 
composition of the alloy. Additionally, elemental maps were generated to show a visual 
representation of areas rich in particular elements precipitates/carbides contrasted to 
matrix). 
2.3.5 Transmission Electron Microscopy (TEM) 
 
All TEM experiments were conducted at Argonne National Lab (ANL) using an 
Intermediate Voltage Hitachi H-9000NAR TEM. Higher resolution than the SEM 
showed precipitates, grain boundaries, and dislocation behavior. 
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2.3.6 Grain Size Characterization 
 
Grain size measurements were executed by measuring the area of grains with 
ImageJ software and considering the equivalent diameter of disks of same areas, and the 
average size was found to be 20.5µm for the HT and 17.6µm for the NHT samples, as 
seen in Figure 2.3. 
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Chapter 3 Results 
 
This chapter details the results of the experiments described in the preceding 
section, tensile testing and microstructural analysis. 
3.1 Experimental Matrix 
 
A matrix of all the tensile tests with the average mechanical property results is 
shown in Table 3.1 for the dull alloy and the shiny alloy. Trends and patterns of both 
“Shiny” and “Dull” were found to be similar. For sake of brevity and clarity, in the 
following sections, only “Dull” sample X-750 will be shown in tables and graphs, apart 
from the vacuum section. 
Table 3.1 Mechanical Properties and Test Conditions for a) dull and b) shiny X-750 
 
 
Material 
Type 
 
Temp 
[°C] 
Strain 
Rate[s- 
1] 
 
 
Atmosphere 
 
UTS 
[MPa] 
 
YS 
[MPa] 
 
 
TE [%] 
 
# of 
Samples 
HT 23 10-3 air 1235.1 893.4 0.2314 3 
HT 23 10-4 air 1252.4 902.9 0.2667 1 
HT 23 10-5 air 1240.4 893.4 0.1939 1 
HT 100 10-3 HP air 1191.4 870.5 0.1898 3 
HT 200 10-3 HP air 1159.0 841.7 0.2145 3 
HT 300 10-3 HP air 1113.4 816.7 0.2172 3 
HT 400 10-3 HP air 1072.1 797.5 0.2182 3 
HT 500 10-3 HP air 1049.2 788.8 0.1629 3 
HT 500 10-4 HP air 1063.3 797.1 0.1575 1 
HT 600 10-3 HP air 1048.7 781.2 0.1584 3 
HT 600 10-4 HP air 1012.0 789.8 0.1864 1 
HT 650 10-3 HP air 974.4 751.4 0.1775 3 
HT 650 10-4 HP air 913.0 766.4 0.1636 1 
HT 650 10-5 HP air 820.9 743.9 0.0612 1 
HT 700 10-3 HP air 828.2 710.5 0.1086 3 
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HT 700 10-4 HP air 757.0 688.0 0.0746 1 
HT 750 10-3 HP air 690.6 632.7 .0982 3 
HT 750 10-3 Vacuum 777.2 687.7 .2481 1 
HT 800 10-3 HP air 520.7 507.6 .1363 3 
HT 900 10-3 HP air 127.6 123.8 0.4459 3 
HT 900 10-4 HP air 84.6 81.75 0.3036 1 
HT 900 10-5 HP air 64.2 58.0 0.2869 1 
NHT 23 10-3 air 794.5 365.2 0.5053 3 
NHT 23 10-4 air 801.9 400.1 0.5038 1 
NHT 23 10-5 air 789 368.4 0.4737 1 
NHT 100 10-3 HP air 756.4 341.6 0.4783 3 
NHT 200 10-3 HP air 746.6 319.9 0.4768 3 
NHT 300 10-3 HP air 752.9 302.4 0.5219 2 
NHT 300 10-4 HP air 752.5 295.6 0.5535 1 
NHT 300 10-5 HP air 770.2 308.7 0.5608 1 
NHT 300 10-3 Vacuum 750.1 297.1 0.5455 1 
NHT 400 10-3 HP air 732 283.6 0.5436 3 
NHT 500 10-3 HP air 721.2 286.6 0.4544 1 
NHT 600 10-3 HP air 701.1 340.1 0.4156 3 
NHT 600 10-4 HP air 643 278.1 0.5078 1 
NHT 600 10-5 HP air 625.6 289.6 0.3350 1 
NHT 650 10-3 HP air 732.0 512.4 0.2101 3 
NHT 650 10-4 HP air 653.4 444.8 0.1950 2 
NHT 650 10-5 HP air 578.1 516.1 0.0894 1 
NHT 700 10-3 HP air 662.7 545.6 0.1337 3 
NHT 700 10-4 HP air 589.7 538.7 0.0702 3 
NHT 700 10-5 HP air 529.3 510 0.0609 1 
NHT 750 10-3 HP air 631.9 572.2 0.0925 4 
NHT 800 10-3 HP air 578.6 548.6 0.1481 3 
NHT 850 10-3 HP air 212.6 205.9 0.3309 1 
NHT 900 10-3 HP air 170.4 159.5 0.3921 3 
NHT 900 10-4 HP air 85.85 83.46 0.3614 2 
NHT 900 10-5 HP air 61.45 58.77 0.2612 2 
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b) shiny 
 
 
Material 
Type 
 
Temp 
[°C] 
Strain 
Rate[s- 
1] 
 
 
Atmosphere 
 
UTS 
[MPa] 
 
YS 
[MPa] 
 
 
TE [%] 
 
# of 
Samples 
HT 23 10-3 air 1186.4 844.7 0.2979 3 
HT 100 10-3 HP air 1142.5 823.7 0.2634 3 
HT 200 10-3 HP air 1117.5 785.1 0.2816 2 
HT 300 10-3 HP air 1083.7 781.8 0.2628 3 
HT 300 10-4 HP air 1058.1 767.3 0.2344 1 
HT 300 10-5 HP air 1073.3 783.6 0.2868 2 
HT 400 10-3 HP air 1028.7 736.1 .3197 2 
HT 400 10-4 HP air 1032.4 772.9 .2527 1 
HT 500 10-3 HP air 1006.7 740.8 .2748 3 
HT 500 10-5 HP air 1040.8 757.1 .2288 2 
HT 600 10-3 HP air 1008.8 740.2 .1969 3 
HT 600 10-4 HP air 968.2 732.1 .1783 1 
HT 600 10-5 HP air 871.3 743.0 .0849 2 
HT 650 10-3 HP air 946.9 729.4 .1724 3 
HT 650 10-4 HP air 869.4 719.6 .1345 1 
HT 650 10-5 HP air 723.9 665.9 .06672 1 
HT 700 10-3 HP air 819.6 673.8 .1373 3 
HT 750 10-3 HP air 648.8 587.1 .1569 3 
HT 800 10-3 HP air 507.1 483.6 .2529 3 
HT 900 10-3 HP air 152.5 147.5 .4889 3 
HT 900 10-5 HP air 85.0 76 .1857 1 
NHT 23 10-3 air 774.7 382.3 .4820 3 
NHT 100 10-3 HP air 742.7 361.4 .4342 3 
NHT 150 10-3 HP air 721.8 341.9 .4663 1 
NHT 200 10-3 HP air 734.2 335.6 .4859 3 
NHT 250 10-3 HP air 727.3 312.3 .5056 1 
NHT 300 10-3 HP air 728.6 305.4 .4775 3 
NHT 400 10-3 HP air 718.9 292.6 .4717 3 
NHT 400 10-4 HP air 707.6 284.3 .5434 1 
NHT 500 10-3 HP air 681.0 263.5 .4991 2 
NHT 500 10-4 HP air 680.6 269.5 .5186 1 
NHT 500 10-5 HP air 671.9 271.9 .5495 1 
NHT 600 10-3 HP air 647.0 285.0 .5403 3 
NHT 600 10-4 HP air 632.0 271.3 .4604 1 
NHT 600 10-5 HP air 629.9 354.9 .2101 1 
NHT 650 10-3 HP air 655.8 395.6 .3832 3 
NHT 650 10-5 HP air 542.9 491.7 .1341 1 
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NHT 700 10-3 HP air 633.0 518.9 .1365 4 
NHT 750 10-3 HP air 593.4 541.0 .1174 3 
NHT 800 10-3 HP air 469.3 458.5 .2082 3 
NHT 900 10-3 HP air 109.3 105.4 .4143 3 
 
 
3.2 Mechanical Properties 
 
Uniaxial tensile tests were performed on X-750 over a temperature range of 25°C- 
900°C, and at three strain rates (10-3, 10-4, and 10-5 s-1). The mechanical properties were 
measured and the effects of strain rate and temperature were investigated. 
a) Temperature Effects 
 
The majority of tests were completed at a strain rate of 10-3, the base strain rate. 
 
The mechanical properties Ultimate Tensile Strength (UTS), Yield Stress (YS), and Total 
Elongation (TE) at fracture were measured, and shown in Figure 3.1, Figure 3.2, and 
Figure 3.3 respectively. The mechanical property graphs illustrate the average values for 
repeated experiments with error bars for the standard deviations. 
Ultimate Tensile Strength: The UTS of X750 depends on heat treatment and 
temperature. After heat treatment, the UTS was improved by a maximum of ~390MPa at 
room temperature. The HT material has a higher UTS through 700°C, where there is a 
~100MPa difference with the NHT material. At 750°C, the UTS values converge. In 
terms of temperature dependence, HT and NHT values follow a similar trend; there is a 
slow decrease in strength as temperature increases, to where the values join, close to the 
aging temperature (i.e. 705°C), before sharply decreasing at 900°C. 
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Figure 3.1 Ultimate tensile strength versus temperature average values with standard 
deviations at 10-3 s-1 strain rate 
Yield Stress: As with the ultimate tensile strength, the heat treatment process has a 
significant influence on the YS of X-750. The HT material registers a steady decrease in 
yield stress with rising temperature; the NHT material experiences a jump in yield 
strength of ~250MPa from 600°C to 650°C, a slight increase in up to 750°C, and a 
decrease through 900°C.  The significance of the value shift in the NHT samples at 
650°C can potentially be explained by early stage formation of gamma prime particles or 
embryos; given the 30-minute temperature soak prior to tensile testing, the microstructure 
seems to be very quickly affected near aging temperature. The mechanical property 
curves for HT and NHT essentially merge at 750°C; the values are almost the same, 
although the HT samples were treated for 20 hours, and the NHT samples were held at 
testing temperature for 30 minutes before loading. This behavior demonstrates how the 
gamma prime particles lose their strengthening effect, and are more easily sheared by 
dislocations [10]. 
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Figure 3.2 Yield stress versus temperature average values with standard deviations for 
10-3 s-1 strain rate 
Total Elongation: The TE experienced by the X-750 samples change significantly 
with heat treatment, and precipitation hardening causes a maximum loss of ductility of 
~50% near room temperature. All tested specimens lost ductility from 500°C to 750°C, a 
decline of ~25% for HT and ~50% for NHT samples. At 650°C, the TE values converge 
for both HT and NHT samples, before the ductility rises at 800°C-900°C where dynamic 
recrystallization may happen. The minimum ductility occurs in both sample types at 
750°C, most likely due to environmentally-induced intergranular cracking [24]. 
b) Strain Rate Effects 
 
The strain rate impacts the tensile flow behavior of X-750 (serration behavior and 
location) and the mechanical properties of both HT and NHT samples; Figure 3.4 and 
Figure 3.5 detail the mechanical property evolution with temperature for the 10-4 and 10-5 
s-1 strain rates. Fewer experiments were conducted at these strain rates, and the data 
markers without an error bar represent values from a single test. The mechanical 
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property-temperature trends at 10-3 are comparable to the trends at 10-4 and 10-5 s-1 strain 
rates. 
 
 
Figure 3.3 Total elongation versus temperature average values with standard deviations 
for 10-3 s-1 strain rate 
 
 
 
 
 
a) 
 
 
 
b) 
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c) 
 
d) 
 
Figure 3.4 UTS Vs. Temperature for a) 10-4 and b) 10-5 s-1, YS Vs. Temperature for c) 10- 
4 and d) 10-5 s-1. 
At a 10-4 s-1 strain rate, heat treatment improved the UTS ~44% at RT; the UTS at 
RT also improved ~45% after heat treatment at a 10-5 s-1 strain rate. At 10-4  s-1  and 
700°C, the HT UTS is ~20% greater than the NHT UTS as the values begin to converge, 
leading to value overlap at 900°C.  For 10-5  s-1, the HT UTS is ~35% higher than the 
NHT UTS at 650°C, before the UTS values overlap at 900°C. The HT UTS experiences 
an overall decrease of ~180% from RT to 900°C, and the NHT UTS undergoes a ~115% 
decrease from RT to 900°C. The yield stress also experiences major increases due to heat 
treatment at the low strain rates. At 10-4 s-1, the HT YS is ~77% greater than the YT UTS 
at RT; at 10-5 s-1, the HT YS is ~83% greater than the NHT YS at RT. Like the 10-3 
strain rate, the NHT YS increases in the vicinity of 700°C for the 10-4 and 10-5 s-1 strain 
rates. For 10-4 s-1, the YS increases by ~70% from 600°-700°C. At a strain rate of 10-5 s- 
1, the NHT YS increases ~55% from 600°-700°C. The YS values of HT and NHT 
converge above 750°C for both 10-4 and 10-5 s-1, and overlap at 900°C. The total 
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elongation (TE) experiences a reduction of ~61% at RT for 10-4 and ~84% at RT for 10-5 
s-1 due to heat treatment. 
Figure 3.5 demonstrates the greater ductility of the NHT samples for the lower 
strain rates, and the TE convergence at temperatures approaching ~700°C. 
 
 
a) 
 
b) 
 
Figure 3.5 TE Vs. Temperature for a) 10-4 and b) 10-5 s-1 
Overall, the difference in UTS for both NHT and HT at 23°C between the fastest 
strain rate 10-3 and the slowest strain rate 10-5 s-1 is ~1%, as is the case for the YS. The 
NHT TE measures a ~6% difference from 10-3 to 10-5 s-1, and the HT TE registers a 
~20% difference at 23°C. For tests at 600°C, there is significant impact on tensile flow 
behavior due to the strain rate, shown in Figure 3.8. At 900°C, the UTS, YS, and TE 
show a ~80%, ~80%, and ~60% drop in value respectively from 10^-3 to 10^-5 s-1, as 
shown in Figure 3.9. Sinusoidal shaped serrations, indicative of DRX, are present in the 
stress-strain curves for the highest testing temperatures [25], [26]. 
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c) Stress-Strain Curves 
 
 
Figure 3.6 shows the graphs of X-750 Stress-Strain curves for various 
temperatures, all at a strain rate of 10-3 s-1. 
  
 
 
 
Figure 3.6 Stress-Strain curves for HT and NHT samples strained at 10-3 s-1 
The separate graphs highlight transitions in flow stress behavior with regards to 
temperature and heat treatment. In both HT and NHT curves, there is a transition from a 
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hardening to a softening mechanism at about 750°C; the softening effect typically 
follows yielding and is the dominating mechanism responsible for the deformation 
behavior of the alloy at 800°C and 900°C. The softening effect is usually linked to 
dynamic recrystallization (DRX), and sinusoidal serrations reflective of DRX are found 
at >650°C at a 10-5 strain rate [25]. 
Figure 3.7-Figure 3.9 highlight the temperature dependency of strain rate effects. 
At room temperature, the strain rate has a negligible impact on mechanical properties and 
the stress flow of both HT and NHT material. At 600°C, the NHT material registers a 
marked difference in stress-strain curve depending on strain rate. The highest testing 
temperature, 900°C, demonstrated the largest stress-strain curve transformation due to 
strain rate for both HT and NHT; all mechanical properties decrease, and sinusoidal 
serration presence is exacerbated with lower strain rate. 
 
Figure 3.7 Graph of combined room temperature stress strain curves showing 
statistically insignificant variation due to strain rate 
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Figure 3.8 Effect of strain rate at 600°C 
 
 
  
 
Figure 3.9 Effect of strain rate at 900°C 
d) Serrations 
 
Samples tested at varying temperatures and strain rates experienced stress 
serrations. Depending on the underlying mechanism, different serrations types were 
present during testing of the material. Stress serrations of a saw-tooth shape are 
associated with dynamic strain ageing (DSA) and the Portevin–Le Chatelier (PLC) effect; 
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stress serrations with a sinusoidal shape are connected to dynamic recrystallization [25], 
[27]–[29]. It is expected that the different deformation mechanisms play an important 
role in microstructure evolution, which is to be investigated via SEM and TEM. 
Due to different testing conditions, serrations are present at different locations 
along the flow stress curve, with different magnitude and periodicity. For both NHT and 
HT material, jerky flow i.e. stress serrations of the saw-tooth type appeared at about 
200°C with an amplitude of ~1-2MPa and ~3-4MPa respectively. The serrations were 
observed from 200°C to 650°C for the NHT and from 200°C to 600°C for the HT 
samples and the amplitude of the serrations was consistently larger for the HT specimens. 
Also, throughout testing in the Portevin–Le Chatelier (PLC) regime, the amplitude of the 
serrations increased with temperature, (up to 50-55 MPa for the HT at 600°C). These 
saw-tooth serrations are usually associated with Dynamic Strain Ageing (DSA) [27]– 
[31]. The periodicity depending on strain rate is shown in Figure 3.10 and Figure 3.11 
demonstrating the number of serrations over an arbitrary 100 second time interval in the 
same strain values for NHT and HT respectively. 
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Figure 3.10 Stress Vs. Time for all strain rates NHT in the range of 40-50% strain at 
300°C 
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Figure 3.11 Stress Vs. Time for all strain rates HT in the range of 20-25% strain at 
300°C 
Figure 3.10 and Figure 3.11 show the evolution of serration period and stress 
amplitude with strain rate for NHT and HT samples, which follow the trend of increased 
amplitude and period with decreased strain rate. Saw-tooth type serrations are present 
during all three testing strain rates, from 200°C-600°C in NHT, and 200°C-500°C in HT, 
and vary between three types of DSA serrations: A, B, and C type. 
42  
 
 
 
 
a) 
 
 
 
b) 
 
Figure 3.12 Diagram of saw-tooth serration types varying with temperature and strain 
rate in a) this experiment and b) another gamma prime strengthened super alloy [32] 
In agreement with the study referenced in Figure 3.12, A+B type serrations are 
found at the 10-3 s-1  strain rate for temperatures ~300°-400°C, and B+C type serrations 
are found at the 10-4 and 10-5 s-1 strain rates at the upper end of the PLC temperature 
regime. A similar strain rate effect is seen at 900°C for the sinusoidal type serrations, 
with a lower strain rate corresponding to a larger serration period and serration amplitude. 
The stress oscillations shown in Figure 3.13 take place in the region of the stress curve 
between 1-5% strain. Table 3.2 illustrates the different serration type depending on 
temperature and strain rate, in this case for NHT tests.  Only NHT serrations are shown, 
as the HT serrations are the same shape for each respective type. 
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Table 3.2 Visualization of different serration types at different strain rates and 
temperatures 
 
Strain 
 
Rate 
A type B type C type 
10-3 
  
 
10-4  
  
10-5  
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Figure 3.13 Stress Vs. Time for all strain rates at 900°C HT and NHT between 1-5% 
strain 
Interestingly, the sinusoidal type curves, indicative of dynamic recrystallization as 
mentioned prior, follow the same overall pattern in period shift and increased amplitude 
as the PLC induced saw tooth serrations. Table 3.3 shows the Stress Serration 
Information for X-750 (dull) for both the NHT and the HT sample types. 
45  
 
Table 3.3 Stress Serration Information for Dull X-750 
 
 
Material 
Temp 
[°C] 
 
StrainRate 
 
Shape 
 
Period(s) 
Type (if 
PLC) 
NHT 200 10-3 saw 0.1570 A 
NHT 300 10-3 saw 0.0960 B+A 
NHT 400 10-3 saw 0.2341 B 
NHT 500 10-3 saw 0.2360 B 
NHT 600 10-3 saw 0.4590 B 
NHT 650 10-3 saw 0.3820 B+C 
NHT 300 10-4 saw 3.775 B 
NHT 600 10-4 saw 5.146 B+C 
NHT 650 10-4 saw 0.3660 B+C 
NHT 900 10-4 sinusoidal 21.61 N/A 
NHT 300 10-5 saw 22.83 B 
NHT 600 10-5 saw 41.03 C+B 
NHT 650 10-5 sinusoidal 67.78 N/A 
NHT 700 10-5 sinusoidal 50.74 N/A 
NHT 900 10-5 sinusoidal 31.43 N/A 
HT 200 10-3 saw 0.027 A 
HT 300 10-3 saw 0.2690 B 
HT 400 10-3 saw 0.3203 B 
HT 500 10-3 saw 0.460 B 
HT 600 10-3 saw 1.148 B+C 
HT 900 10-3 sinusoidal 30.31 N/A 
HT 500 10-4 saw 5.854 B+C 
HT 600 10-5 sinusoidal 26.32 N/A 
HT 650 10-5 sinusoidal 38.57 N/A 
HT 900 10-5 sinusoidal 34.44 N/A 
 
 
The critical strain (εc) i.e. the strain at which serrations appear in the stress strain 
curve, varies for the HT and NHT tests (see Figure 3.14). For the first temperature test at 
which the PLC effect manifests for both HT and NHT (200°C), the HT has a lower 
critical strain by ~30%. For temperatures including 300°-500°C, the critical strains are 
similar (within ~1% critical strain) for HT and NHT in the DSA regime. However, at the 
end of the PLC regime, the critical strain values again vary greatly between NHT and 
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HT, where the NHT has a critical strain ~16% strain greater than the HT critical strain. A 
potential method to measure activation energy for the serrations is the use of critical 
strain values, also accounting for temperature and strain rate influence. The activation 
energy of the PLC effect can be utilized to determine the role of interstitial or 
substitutional atoms in the serration range, and compare the microstructural behavior of 
the HT and NHT material [29], [33]. 
 
 
a) 
 
b) 
 
Figure 3.14 Critical Strain standard deviation distribution with average values for a) 
samples tested at 10-3 s-1 strain rate Heat Treatment Effect on Serrations and b) close-up 
of values from 300°-500°C 
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The heat treatment of the material has a noted impact on not only the mechanical 
properties and microstructure, but on the tensile flow behavior as well. An area of focus 
in this study is the serration behavior documented under certain temperature and strain 
rate testing conditions. The PLC regime exists at different temperature ranges for the 
NHT and HT samples, depending on strain rate. The NHT PLC regime ranges from 
200°C-650°C for 10-3, 200°C-650°C for 10-4, and 200°C-600°C for 10-5 s-1. The HT PLC 
regime ranges from 200°C-600°C for 10-3, 200°C-500°C for 10-4, and 200°C-500°C for 
10-5 s-1. 
e) Vacuum Effects 
 
NOTE: the vacuum effect study was done essentially on the shiny alloy: all 
figures and data reported in this section are relative to the shiny alloy. 
The tensile testing of samples in a vacuum provides important insight into the 
impact of environment on the mechanical properties and behavior of the tested alloy. 
The impact of vacuum on the PLC serrations has been investigated, as the mobility of 
solutes involved in the PLC regime can be environmentally influenced and shown in 
other PLC affected alloys [34]. Results reveal insignificant change in the period of the 
PLC serrations between air and vacuum environments at 600°C; at 300°C there is a ~2 
MPa difference between serration amplitude, and a difference in period of ~.1 s. 
Additionally, the stress amplitude difference between the vacuum and air environment is 
negligible, demonstrable in Figure 3.15. 
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a) 
 
 
b) 
 
 
c) 
 
 
d) 
 
Figure 3.15 Comparison between air and vacuum PLC serrations at a) 300°C, b) close- 
up at 300°C, c) 600°C, and d) close-up at 600°C 
One particular behavior of interest is the yield stress effect on samples under 
certain testing conditions. A HT sample tested under vacuum registers a higher yield 
strength at temperatures close to the heat treatment temperature, at both 700°C and 
750°C, up to a ~16% increase in YS. To verify the short time necessary for the vacuum 
to impact the specimen’s microstructure, samples were heated to 750°C in either HP air 
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or vacuum, and cooled to room temperature before the test. Again, an increase in yield 
strength (~5%) was registered in the vacuum specimen. The graphs depicting this 
mechanical property change are shown in Figure 3.16 and Figure 3.17. 
 
 
 
a) 
 
b) 
 
 
c) 
 
d) 
 
Figure 3.16: stress strain curves of HT vacuum-high purity air comparison tests at a) 
700°C, b) 900°C, c) RT after being first heated to 750°C for 30 minutes before cooling in 
each respective environment, and d) 750°C 
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a) 
 
 
b) 
 
c) 
 
Figure 3.17 stress strain curves of NHT vacuum-high purity air comparison tests at a) 
700°C, b) 800°C, and c) 900°C 
From Figure 3.16 c), it can be surmised that microstructural change in X-750 
specimens occur rapidly, and is notable because the yield strength increase is not seen in 
the NHT specimens tested at 700°C. Despite the discord between NHT and HT vacuum 
behavior at this temperature, the NHT tensile flow coincides with the HT behavior at 
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800° and 900°C (see Figure 3.17). When tested at both 700°C and 750°C, the total 
elongation and UTS are also shown to have increased. Oxygen diffusion has been shown 
in prior studies to have an effect on intergranular crack propagation at high temperatures, 
explaining the difference in total elongation to the vacuum tested sample [24], [35]. 
However, the yield strength is unrelated to this process given that crack formation occurs 
after yielding. In the NHT samples, an increase in yield strength was observed when the 
material was tested in the temperature range where γ’ formation could occur, a primary 
indicator of yield strength where the precipitates form obstacles to dislocations. 
f) Fractography 
 
(Note: the following fractography study was done on the dull alloy). 
 
Intragranular precipitates sizing between 1 µm and 3 µm were found in the NHT 
material. EDX analysis showed that these particles were either Nb-rich with some 
titanium or Ti-rich, and were identified as MC carbides. No evidence of intragranular γ’ 
precipitates or intergranular M23C6 carbides were found (Figure 2.7), although the 
literature does not rule out the formation of these precipitates to some extent upon air 
cooling [4], [9]. 
The temperature-dependence of the HT specimens is as follows: between room 
temperature and 500ºC, the yield strength and ultimate tensile strength decrease somehow 
linearly with temperature, while the total elongation remains rather constant. At higher 
temperatures (between 500ºC and 650ºC) the yield strength and ultimate tensile strength 
remain constant, before a significant drop in strength occurs at 650ºC. From 750ºC to 
900ºC the ultimate tensile strength and the yield strength exhibit similar values. The total 
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elongation decreases between 500ºC and 750ºC, where it reaches a minimum in ductility, 
before significantly increasing with increasing temperature. 
Yield strength of the NHT specimens first decreases between room temperature 
and 500ºC before increasing and reaching a maximum at 750º. Ultimate tensile strength 
remains almost constant between room temperature and 750ºC, then a drop in strength is 
observed. The total elongation follows the same trend that the one observed for the HT 
specimens, albeit at higher values. Analysis of the strain-stress curves (sinusoidal 
serrations) for the NHT and HT material show that dynamic recrystallization occurs at 
900ºC (Figure 3.18 and Figure 4.4). Overall, the NHT material exhibits a more ductile 
behavior compared to the aged one for temperatures below 650ºC. Evolution of yield 
strength for this material follows the expected trend for nickel-based alloys containing 
less than 20 wt% of γ’[36], which is consistent with the weight fraction of γ’ reported for 
this type of alloy after a similar ageing [4]. 
 
 
Figure 3.18 Stress-strain curves for NHT and HT material tested at 800ºC and 900ºC 
Fracture surfaces for the NHT and HT material tested at room temperature, 600ºC, 650º 
and 750ºC are shown in Figure 3.19 and Figure 3.20, respectively. 
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Figure 3.19 Fracture surface of the NHT material after rupture at (a) dimples and flat 
transgranular sheared dimples at room temperature, (b) spherical dimples and flat 
sheared dimples at 600ºC, (c) large spherical dimples at 650ºC and (d) flat dimples at 
750ºC. Magnification is the same for all pictures. 
The NHT material ruptured at room temperature exhibits large dimples, at the bottom of 
which broken Ti-rich or Nb-rich particles are observed, identified as MC carbides (Figure 
3.21). This kind of fracture morphology is still observed at temperatures as high as 
600ºC. At 650ºC, the surface is more chaotic, with bigger dimples compared to lower 
temperatures. At 750ºC, no more large dimples are found, instead the surface exhibit a 
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mixture of small, flat dimples and intergranular features. Purely intergranular features are 
found at both edges of the specimen, as shown in Figure 3.22. 
 
  
  
 
Figure 3.20 Fracture surface of the HT material after rupture at (a) intergranular 
patches at room temperature, (b) combination of intergranular patches and 
transgranular sheared dimples at 600ºC, (c) fully sheared surface at 650ºC and (d) 
combination of spherical dimples and flat sheared dimples at 750ºC. Magnification is the 
same for all pictures. 
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Ti 
Ni 
 
Figure 3.21 (a) SEM observation of a broken MC carbide at the bottom of a dimple with 
(b) the corresponding EDX map (green is titanium, pink is nickel). NHT material tested 
at room temperature. 
 
 
 
 
  
(a) 
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(b) 
 
  
(c) 
 
Figure 3.22 Evidence of intergranular rupture after testing at 750ºC (a) at the 
longitudinal edged of the HT specimen, (b) at one extremity of the NHT specimen. Red 
dashed line represents the intergranular front. (c) close-up view of an intergranular wall 
HT material tested at room temperature is entirely intergranular, and the intergranular 
walls are covered with fine dimples as shown in Figure 3.23. 
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Figure 3.23 Detail of an intergranular patch exhibiting microvoids; HT material tested at 
room temperature 
With increasing temperature, less intergranular features are observed, while 
transgranular sheared dimples are increasingly observed. At 650ºC, the rupture surface is 
entirely transgranular. At 750ºC, the fracture presents a surface very similar to the one 
observed in the NHT material at these temperatures, with similar intergranular features 
located at the edges. 
From room temperature up to 650ºC, both NHT and HT exhibits a typical “cup- 
and-cone” fracture surface, where the specimen edges are sheared. However, at 750ºC 
and 800ºC, several secondary cracks originating from the edges can be seen and the 
fracture surface seems to result from the connection of two of these cracks, as shown in 
Figure 3.24. 
58  
  
(a) (b) 
 
Figure 3.24 Specimens exhibiting multiple cracks after testing at 750ºC, (a) NHT, (b) HT 
59  
 
 
 
 
 
 
Chapter 4 Discussion 
 
This chapter expounds upon the experimental results displayed in chapter 3. 
 
Results are compared to prior literature and deformation mechanisms are discussed, with 
the objective to explain the impact of strain rate and temperature on the mechanical and 
tensile behavior, as well as fracture mechanisms. 
4.1 Serration Behavior 
 
4.1.1 PLC Effect 
 
The PLC regime exists for different temperature ranges of NHT and HT X-750, 
and microstructural evolution plays a role in the onset and behavior of the stress 
serrations for both types. As previously mentioned, the three types of PLC serrations 
present in this material (Type A, Type B, and Type C) exist at different strain rates and 
temperatures. The serration types for the experiments are found in Table 3.3. A primary 
solute is responsible for the interaction of dislocations and particles resulting in stress 
rises and drops, and comes with a specified activation energy. The A type of oscillation 
consists of small amplitude periodic rise and drop of stress. The B type serration is a 
successive stress vacillation of stress while the C type is typically characterized by 
irregular stress drops [20]. Each serration type corresponds to a different temperature 
range, and is consequently reached at different activation energies [32], [34], [37]–[39]. 
The stress amplitudes are useful indicators of serration type, and both HT and NHT 
samples undergo an increase in stress amplitude with increasing temperature. 
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a) 
 
b) 
 
Figure 4.1 PLC stress amplitude evolution with strain rate a) NHT and b) HT 
The HT samples consistently show higher values of stress amplitude, which reflects a 
higher strength level in the pinning and unpinning of alloy particles and dislocations [32]. 
This makes sense given the knowledge regarding the difference between the HT and 
NHT samples: mainly, the presence of the primary strengthening mechanism, gamma 
prime precipitates. Mentioned earlier, the HT PLC regime occupies a lower temperature 
range than the NHT PLC temperature regime, which is also in agreement with a study 
assertion that γ’ presence shifted the PLC region to lower temperatures [32]. Connected 
to the stress amplitudes, the study also concludes that the greater amount of γ’, the more 
pronounced the impact on DSA in the testing [32]. The end of the PLC regime for both 
NHT and HT is exemplified in Figure 4.2, where the critical strains are vastly unalike, 
along with the tensile flow of the stress-strain curve. 
Not only do the HT and NHT samples have different PLC temperature regimes, 
due to microstructural differences, they share different inverse and normal PLC 
behaviors. The more common “normal” PLC effect occurs with increasing εc (critical 
strain), increasing strain rate, and decreasing temperature. The “inverse” PLC effect 
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a) 
 
b) 
 
Figure 4.2 The final PLC exhibiting temperature for a) NHT and b) HT X-750 
respectively, emphasizing critical strain behavior 
follows increasing εc, decreasing strain rate, and increasing temperature. The normal 
PLC is typically observed at high strain rates and low temperatures, while the inverse is 
present under low strain rates and high temperatures [33]. Figure 4.3 details the inverse 
and normal PLC behavior for NHT and HT, revealing that the PLC regime shift alters the 
location of inverse and normal PLC. 
 
a) 
62  
 
 
 
b) 
 
Figure 4.3 Variation of critical strain with strain rate for a) NHT and b) HT X-750 
For investigation into the PLC effect, solute identification is useful in pinpointing the 
PLC cause. The common method is the calculation of the activation energy in the PLC 
domain, compared to the diffusion activation energy for the various solute species in the 
alloy of interest. Of the many nickel superalloys available, several exhibiting the PLC 
effect have been studied, including 718, Waspaloy, 625, Inconel 738, and Udimet 720 
[40]. Inconel 718 is nickel superalloy precipitation hardened with γ’ and γ’’, with many 
overlapping elements with X-750 in its composition [41]. Inconel 738, Udimet 720, alloy 
720Li, and Waspaloy are γ’ precipitation hardened superalloys with a similar 
composition to X-750 (shown in Table 4.1) [42]–[45]. Findings have consistently shown 
that differing solutes are responsible for low temperature PLC and at high temperature 
occurrence. In superalloys, the overall PLC regime can range from ~300°C-700°C, 
showing temperature dependent behavior for activation energy and serration type.  For 
the lower temperature PLC regime, the carbon solute has been found to be the most 
responsible, where calculated activation energies for the PLC effect at ~300-400°C 
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correspond to the activation energy for pipe diffusion of carbon in nickel [33]. For the 
higher temperatures, substitutional solutes have been credited for PLC behavior, and in 
several nickel alloys this has been evidenced. In alloy 718, the main substitutional solute 
species are Nb, Cr, Fe, and Mo; these species have diffusion activation energies similar to 
calculated PLC values [40]. Jerky flow has been attributed to Cr and Nb in 718, and Mo 
in alloy 625 [40]. The main substitutional solutes in Inconel X-750 are Fe, Cr, Al, and 
Nb. Heat treatment of the alloy is to be investigated for PLC impact, as the formation of 
gamma prime precipitates not only creates new potential barriers for dislocations, but 
depletes certain areas of solutes that were in solid solution. Interestingly, a study of the 
effect of gamma prime volume in a nickel super alloy showed minimal change in 
activation energy of the PLC effect based on gamma prime volume fraction [32]. There 
are several ways to calculate the activation energy for the PLC effect, and some are 
dependent on the nature of the PLC response, either normal or inverse. In alloy 720Li, 
the inverse PLC was observed at 400°C and 450°C, well below the upper range of the 
PLC effect. The common method for determining activation energy is by using the slope 
of the critical strain vs. strain rate graph, and varying equations for the material values 
needed [33], [40]. Several methods of determining the activation energies of the PLC 
effect may be utilized, including the Arrhenius Method, the Critical Strain Method, and 
the Serration Amplitude Method [40]. 
4.1.2 Dynamic Recrystallization and Dynamic Recovery 
 
A phenomenon that occurs at high temperature deformation and certain strain 
rates, dynamic recrystallization (DRX) is present under a range of testing conditions for 
both NHT and HT X-750. For metals deformed under high temperatures, DRX can be in 
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competition with Dynamic Recovery (DR), the destruction of dislocations during 
dislocation migration [46]–[48]. For metals with low stacking fault energy (SFE), DRX 
is the inevitable deformation mechanism; the dislocation density increase results in a 
critical strain that causes the onset of new grain formation [26], [48]–[50]. X-750 has a 
low stacking fault energy, measured to be ~0.12J/m2, that contributes to the prominence 
of DRX in during high temperature testing [51]. As seen in Figure 3.1- Figure 3.3, the 
mechanical properties begin to align for both NHT and HT at ~750°C, and the values 
become nearly identical at 900°C. As mentioned prior, the presence of sinusoidal 
serrations are indicative of dynamic recrystallization, with the beginnings of these 
serrations visible at 900°C and 10-3 s-1 and progressing in clarity with lower strain rates. 
Microstructural analysis reveals the presence of newly formed small grains and high 
angle grain boundaries (see arrows in Figure 4.4 c) and d)). The ability for grains to 
nucleate and migrate can be dependent on obstacles such as precipitates and non- 
annihilated dislocations, and lack of effectiveness of the gamma prime particles at high 
temperature can contribute to this microstructural evolution [52]. Both DRX and DR 
have been observed in compressive tests of X-750, with deformation at similar strain 
rates, but with an agreeing dominance of DRX [52]. The lower strain rates contribute to 
a decreasing total elongation decreases, as well as increasing sinusoidal serration 
amplitude and smaller serration periods (see Figure 3.13). This suggests the amount of 
DRX present during the deformation, correlating to the sinusoidal serrations, becomes 
more prominent with decreasing strain rate. 
A primary mechanism for DRX is grain boundary bulging, a contributor to 
serrated grain boundaries and the formation of new grains [53]. The grain boundary 
  
 
 
 
 
 
 
 
 
 
 
 
Table 4.1 Weight Composition of similar alloys evaluated for the PLC effect 
 
Element Ni Cr Fe Ti Al Mo Cu B Mn Co C P Nb+Ta S 
718 52.5 19 17 .9 .6 3.05 .3 .006 .35 1 .08 .015 5.125 .015 
Element Ni Cr Fe Ti Al Nb Nb Si Mn Co C Zr Ta W 
738 61 16 .05 3.4 3.4 1.75 .9 .01 .02 8.5 .17 .1 1.75 2.6 
Element Ni Cr Ti Al Mo W B Co C Zr     
720 55.45 18 5 2.5 3 1.25 .033 14.7 .035 .03     
Element Ni Cr Ti Al B Zr Co C Mo W     
720Li 56.8 16.3 5.02 2.57 .015 .026 14.7 .011 3 1.31     
Element Ni Cr Fe Ti Al Zr Mo Si Mn Co C B   
Waspaloy 58 19 2 3 1.5 .05 4.3 .15 .1 13.5 .08 .006   
6
5
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serrations are also known to contribute to grain boundary sliding resistance, which causes 
a loss of ductility as the material deforms [54], [55]. This microstructural mechanism 
makes sense with the results, as there is a greater amount of DRX (see Figure 3.9 and 
Figure 3.13), hence more serrated grain boundaries, leading to lower ductility (see Figure 
3.9). Figure 4.5 depicts the serrated grain boundary via TEM micrograph, evidencing the 
DRX mechanism’s prominence even at the fastest tested strain rate. 
 
 
 
 
 
 
 
 
 
 
 
 
 
a) 
 
 
 
 
 
 
 
 
 
 
 
 
b) 
 
c) 
 
d) 
 
Figure 4.4: a) Stress-strain curves for NHT and HT material tested at 800ºC and 900ºC, 
b) zoomed view of stress-strain curves for 900°C showing sinusoidal serrations and TEM 
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image evidencing dynamic recrystallization at 900ºC for HT and NHT respectively (see 
arrows): c) high angle grain boundary and d) newly formed grain 
 
 
 
  
 
 
Figure 4.5 Serrated grain boundary in HT 900°C 10-3 s-1 
 
 
 
4.2 Vacuum Effects 
X-750 shows a susceptibility to environmental effects for several cases of 
deformation behavior and microstructural evolution. An environmental role must be 
investigated to determine potential air-vacuum microstructure evolution deviations. A 
small layer of oxide is visible in the high purity air tested sample, but not in the vacuum 
sample. The oxide layer is in the range of ~.5um, and is found across the surface of the 
high purity air sample.  Figure 4.6 shows an optical image of the surface for a vacuum 
and high purity air tested specimen at 900°C, and the surface of the high purity air sample 
is less reflective due to the oxide layer. 
68  
 
a) 
 
b) 
 
Figure 4.6: a) the surface of a diamond saw cut sample tested at 900°C in vacuum and b) 
high purity air 
In the literature, one consistent effect found due to vacuum environment testing 
amongst other nickel superalloys is a decrease in ductility due to air exposure [56]. 
4.2.1 Yield Stress 
 
During this experiment, the yield stress of several samples tested in vacuum are 
higher than the yield stress of the respective tests in air for conditions in both HT and 
NHT (see Figure 3.16 and Figure 3.17). Pandey et al has noted that for X-750 strained at 
a rate of 10-6 and 10-7 s-1, the yield strength was measured to be higher in vacuum 
compared to air for all experiments [15]. The increase in yield strength due to vacuum 
environment compared to air has also been observed in 316 stainless steel [34]. Several 
researchers have suggested an environmental softening effect due to a thin film oxide 
layer on air-tested samples to explain the yield stress increase in vacuum [34], [57]. A 
study of chromium and niobium single crystals in vacuum and air revealed an increased 
yield stress under straining in a vacuum chamber, and the presence of oxide scales 
contributing to a softening (decrease in yield stress) for a typical air environment [57]– 
[59]. The oxide layer on the air tested sample in Figure 4.6 supports this hypothesis. 
4.2.2 Dynamic Recrystallization 
 
The deformation mechanism of DRX is well explored in an earlier section, but an 
environmental effect appears to play a role for X-750 microstructural evolution. For 
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several Nickel base superalloys, high temperature fatigue and creep testing results in 
DRX influenced by oxidation [60]–[62]. Under high temperature and stress, gamma 
prime free layers have been observed to form; the γ’ free zones contribute to the 
minimization of the pinning force of migrating recrystallized grain boundaries [60]–[63]. 
Without γ’ precipitates to function as obstacles, grain migration and therefore DRX 
becomes easier. As previously discussed, the effectiveness of the gamma prime particle 
decreases at high temperatures (see Figure 3.1, Figure 3.2, and Figure 3.3), and in 
combination with X-750’s low SFE, grain boundary migration may take place 
subsequently in any environment. However, the DRX process is particularly exacerbated 
by oxidation in the straining environment, demonstrated by a comparison of the lowest 
testing strain rate for vacuum and air environments. 
Figure 4.7 shows a smooth tensile flow curve for a vacuum-tested sample at 
900°C and a 10-5 s-1 strain rate, in contrast to the highly serrated (sinusoidal type) curve 
for an air-tested sample under the same conditions. 
The 10-5 s-1 strain rate is the condition at which the most amount of DRX has 
occurred in all non-vacuum tests, and Figre 4.7 emphasizes the extent to which oxide- 
induced DRX plays a role in the microstructural behavior. Until now, oxidation- 
influenced DRX in nickel superalloys have only been studied in detail for low strain rate 
experiments, and this set of tensile experiments validates the mechanism for faster 
deformations. 
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Figure 4.7 Comparison of air and vacuum test NHT 900°C at 10-5 s-1 
 
 
4.3 Fracture Behavior 
 
At room temperature, the rupture of the NHT material occurs due to nucleation 
and growth of microvoids and cavities induced by decohesion at the interface between 
MC carbides and the matrix, which then coalesces following a micro-shear band 
mechanism. This mechanism is likely responsible for the rupture properties from room 
temperature to 600 °C, as suggested by the relative independence of the tensile properties 
and fracture surface with regards to the testing temperature. At higher temperatures, 
precipitation of γ′ particles, probably not fully formed, is likely to occur; the main 
evidence of this process is the significant increase in yield strength at 650 °C. At this 
temperature dimples are bigger than at lower temperatures. This particular fracture 
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surface could be explained by the increase in yield strength: the plastic zone starts at 
higher applied stress, so the voids at the MC/ matrix interface grow more rapidly, leading 
to a more rapid void coalescence and an overall decrease in the total ductility. When 
considering the HT specimens, the decrease of intergranular rupture surface with 
increasing temperature is in is in good agreement with the literature: Mills reported that 
the amount of intergranular features on the fracture surface of an aged X750 (although 
with a slightly different heat treatment) decreased with increasing the temperature from 
room temperature to 650 °C and Ballinger reported the same tendency between room 
temperature and 288 °C [4], [10]. 
According to Mills, at lower temperatures, stress is concentrated around the grain 
boundaries, and rupture occurs due to the microvoid coalescence at the grain boundary 
carbide/matrix interface resulting in a decohesion of the grains, which is in good 
agreement with the observed features shown in Figure 3.23. Increasing the testing 
temperature leads to increasing the dislocation mobility within the grains, which then 
relieves the stress concentration at the grain boundaries. The flat, transgranular dimples 
observed on the aged specimen fracture surface are associated with the shearing of γ′ 
concentrated on the fracture surface plane. Once the particles on a single plane have been 
sheared, the effectiveness of these sheared particles as dislocations barriers decreases and 
further dislocations are concentrated on this plane. Such considerations are consistent 
with the critical shearing radius of γ′-particles for X-750 alloy, approximately 15 nm 
[64], which is roughly the size of γ′-particles in the studied material. At temperatures 
higher than 600°C, this decrease in γ’ barrier effectiveness results in a fully transgranular 
fracture surface and the overall decrease of the material tensile properties. 
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From 750 °C and upwards, precipitation of γ’ particles occurs in the NHT 
material during the soaking prior to the test, as shown in Figure 4.8. 
 
 
Figure 4.8 TEM observation of a NHT specimen heated at 750 °C for 30 min, displaying 
the presence of γ′ precipitates (cuboidal black and white dots) throughout the matrix. 
This results in similar yield strength, ultimate tensile strength and fracture surface 
for both solution annealed and aged specimen tested between 750 °C and 900 °C. Thus, 
from this temperature the NHT material can be considered as being close to the HT 
samples in terms of microstructure, and the further discussions will be therefore made 
regardless of the thermal history. Local minima in ductility in aged X-750 (HT), as the 
one observed around 750 °C, were already reported [10], [15] although at lower 
temperatures (700 °C and 650 °C, respectively) but also with slower strain rates (3.10-5 s- 
1 and 6.10-7 s-1, respectively). Such local minimum in ductility was assumed to be due to 
the diffusion of oxygen atoms along the grain boundaries which react with chromium 
carbides, leading to the formation of chromium oxides and carbon oxide gas [15]. This 
oxidation reaction result in the decohesion of the grain boundaries, initiating the crack 
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which then grow further with increasing strain, leading to the final rupture. Such 
mechanism is likely to take place in the studied case, as hinted by the multiple cracks 
originated from the periphery of the sample cross section and the intergranular nature of 
these cracks. Moreover, when comparing the intergranular surface observed at lower 
temperatures (Figure 3.23) and at 750 °C (Figure 3.22), one should notice that they are 
not similar in nature: decohesion at lower temperature is due to microvoids coalescence 
while intergranular walls at 750 °C exhibit coarser features, appearing as intergranular 
fracture without microvoid coalescence, likely resulting from the oxidation. This 
hypothesis was experimentally confirmed by performing an additional test on an aged 
specimen at 750 °C under vacuum (4.10-4 atm); as a result, no more secondary cracks are 
found, and the yield strength, the tensile strength and the total elongation are significantly 
higher (Figure 3.16 d)). Furthermore, the thickness of the intergranular features at the 
specimen edges was considerably reduced, from more than 100 mm for the specimen 
tested under air to 10 mm for the specimen tested under vacuum (Figure 4.9). 
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Figure 4.9 SEM observation of the fracture surface of the vacuum tested HT specimen 
showing very few intergranular patches at one edge (dashed line represents the 
intergranular front) 
Thus, the particular fracture surface and the low ductility around 750 °C is due to 
oxidation-assisted rupture mechanism. This is consistent with the higher total elongation 
and lower surface crack density observed for the NHT specimen compared to the HT one, 
due to a smaller phase fraction of intergranular chromium carbides in the NHT specimen. 
At 800 °C, multiple cracks remain observed at the edges of the specimen, however, the 
total elongation for both NHT and HT specimen are higher than the ones at 750 °C. 
According to Pandey et al. [15], cavities nucleated by the oxidation-assisted mechanism 
can be isolated by grain boundary migration, providing that the temperature is high 
enough to allow such migration. While at 750 °C, the temperature is too low for the grain 
boundaries to move, it may be enough at 800 °C, which may mark the onset of dynamic 
recrystallization. Thus, while some oxidation takes place, grain boundary migration 
associated with the onset of dynamic recrystallization slows the whole process and 
therefore the ductility is higher. At 900 °C, the temperature is high enough and dynamic 
recovery to occur and for dynamic recrystallization to start although at this strain rate it is 
not predominant, therefore no more oxidation-assisted fracture takes place and the final 
rupture is purely due to grain boundary sliding from the aforementioned phenomenon, as 
also seen by Dix [14]. 
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Chapter 5 Summary and Conclusions 
 
The subjects and areas of focus mentioned in Chapter 1 of this study have been 
thoroughly investigated, with progress made in several areas of material behavior. The 
results and conclusions with regards to both HT and NHT X-750 are as follows. 
Temperature and strain rate significantly influenced the mechanical properties of 
HT and NHT X-750, although the mechanical property values for both types begin to 
coincide above the heat treatment temperature of 705°C. Until the merging of values, the 
NHT X-750 is significantly more ductile than the HT X-750, and the HT X-750 is 
considerably stronger. Both HT and NHT reach ductility minimums due to oxygen- 
assisted intergranular cracking in the same temperature range of ~750°C. The HT 
samples follow the typical trend of loss of strength with increasing temperature, but the 
NHT samples undergo an increase in YS near the heat treatment temperature (705°C) due 
to the fast formation of γ’ precipitates. The strain rates 10-3, 10-4, 10-5 s-1 were used, and 
generally mechanical property values decreased from 10-3 to 10-5 s-1. 
The tensile flow for both HT and NHT X-750 is compared, and temperature 
regimes are dominated by the presence or lack of stress serrations, strain hardening, 
and/or softening. There are PLC stress oscillations present in both NHT and HT for a 
similar temperature range 200°-600°C (depending on strain rate), and strain hardening for 
both types up to 800°C. At 800°-900°C, the stress strain curve underwent a softening. In 
the softening regime, both HT and NHT show sinusoidal serrations indicative of DRX. 
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The stress serrations caused by the PLC effect (under DSA) are present in both 
HT and NHT X-750, but the PLC regimes are different for each. Serrations are present 
from 200°-650°C for 10-3 in NHT, and present from 200°-600°C for 10-3 s-1 in HT, the 
fastest experimental strain rate. At the lowest experimental strain rate, Serrations are 
present from 200°-600°C for 10-5 NHT, and present from 200°-500°C for 10-5 s-1 HT; the 
strain rate shifts the PLC temperature regime for both types of X-750. The normal PLC 
effect is present in NHT for more temperatures than the HT, where the inverse PLC effect 
is more dominant. 
The difference in microstructures of HT and NHT X-750 is mainly related to the 
gamma prime precipitate, and the material behavior under thermomechanical loading 
reflects its presence, formation, or lack thereof. 
DRX occurs in both NHT and HT for high temperatures and low strain rates, 
causing the sinusoidal stress serrations. 
A vacuum environment causes significant change to the behavior of X-750 for 
several cases. The YS of HT X-750 is greater under a vacuum than air for 700°-900°C, 
and greater for NHT under vacuum from 800°-900°C, due to a thin oxide layer present in 
air that introduces a softening effect. DRX is aggravated by the presence of the oxide 
layer, and may be oxide-induced DRX for some conditions because of γ’ free zones. The 
fracture behavior of X-750 is changed when oxide-induced intergranular cracking causes 
a minimum in ductility and a change in the fracture mechanism due to oxide build up at 
the grain boundaries. 
Heat-treated X-750 fracture surface changes from intergranular at lower 
temperature, due to decohesion at the intergranular carbides-matrix interface, to 
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transgranular at intermediate temperature due to the shearing of γ′-particles (650 °C). 
This is due to the thermal activation of dislocation mobility which relieves the stress 
concentration at grain boundaries and decreases the efficiency of intergranular γ′-particles 
as dislocation obstacles. From room temperature up to 650 °C, the fracture of NHT X- 
750 is due to void-induced decohesion at the MC carbides/matrix interface. Precipitation 
of γ′ particles upon testing at 600 °C and higher leads to a temperature-dependent 
increase in both yield strength and ultimate tensile strength. At the highest temperatures 
(between 700 °C and 900 °C), two competitive mechanisms take place during the tensile 
tests for both materials: environmental induced cracking due to oxygen in the atmosphere 
and grain boundary motion due to dynamic recrystallization. At 900 °C, fracture occurs 
due to grain boundary sliding. 
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Chapter 6 Future Work 
 
This project was undertaken to understand the microstructural evolution, tensile 
behavior, and property evolution of X-750, comparing the HT and NHT versions of the 
material. The study consisted of tensile tests, with microstructural analysis performed by 
TEM and SEM. Dynamic recrystallization has been evidenced by TEM, although the 
electron backscatter diffraction (EBSD) technique could be utilized to solidify and verify 
the assertions made. When the grains recrystallize at higher temperatures it is difficult to 
identify grain boundaries with only SEM imaging, and TEM only grants a view of 
localized regions in the microstructure. EBSD has the capability to identify both high and 
low angle grain boundaries and would be a useful tool in verifying the amount of 
recrystallization which has taken place, as well as ascertain the size of the recrystallized 
grains. The PLC regime has been discussed and analyzed, but the exact solutes 
responsible for the stress serrations at each temperature have yet to be determined. 
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